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Abstract

The deformation of amorphous Si±B±C±N ceramics
derived from polymeric boron-containing poly-
silylcarbodi-imide was investigated at temperatures
between 1500 and 1700�C in nitrogen atmosphere.
The composition of the as-thermolysed ceramic was
determined to be SiB0�41�0�11C3�39�0�44N2�42�0�31
O0�22�0�14 and no remarkable change was observed
after testing at 1600�C in nitrogen atmosphere.
Under uniaxial compression a true strain of more
than 30% was achieved without visible damage. By
compression at constant strain rate a maximum
densi®cation of 26% was achieved. Besides densi®-
cation non-Newtonian viscous ¯ow was observed
with an apparent activation energy of 0.8 MJ molÿ1

and an apparent activation volume between 2.5 and
0.2 nm3. A free volume in the same order of a few
cubic nanometers was assumed. At 1600�C the
amorphous ceramic starts to crystallize with a
volume fraction of crystalline phase less than 10%
after several hours. The apparent increase in stress
during deformation was explained by changes in
sample size, porosity and intrinsic structure due to a
decrease in free volume. # 1999 Elsevier Science
Ltd. All rights reserved

Keywords: precursors-organic, porosity, mechan-
ical properties, plasticity, amorphous ceramics,
Si±B±C±N.

1 Introduction

Amorphous precursor-derived ceramics based on
covalent bond forming elements such as Si, B, C

and/or N promise to have high thermal, chemical
and mechanical stability due to the lack of grain
boundaries and oxide-type secondary phases.
Despite some work in the early 1960s1 the potential
of such glass-type materials was not recognized
until Yajima and co-workers, as well as Veerbeck
and Winter prepared silicon nitride and silicon
carbide-based ceramic ®bers.2±7 Since then,
numerous pre-ceramic compounds for the synthesis
of non-oxide ceramics have been developed yield-
ing ®bers, thin ®lms and bulk bodies as well.8±22

Recently, preliminary information relating to the
high temperature mechanical properties of pre-
cursor-derived materials has been published.23±28 It
is the object of this paper to report on the defor-
mation behavior of the glass-type materials in
more detail and to investigate possible deformation
mechanisms.
For the micromechanisms of the viscous ¯ow of

glasses29,30 di�erent models have been proposed.
Gilman31 postulated the existence of dislocations
with Burgers vectors that ¯uctuate along the dis-
location line. However, in glasses where no long
range translational order exists, the appearance of
line defects is very unlikely. Another model, based
on computer modeling, suggests that sites with
extreme values of shear stress, so-called �-defects,
play a major role in the plastic deformation.30

Furthermore, the free volume theory32,33 has also
been adopted to describe the micromechanisms of
the plastic ¯ow.34 In this approach it is assumed
that local shear is produced by atomic jumps in the
regions of large free volume, and in the steady state,
a dynamic equilibrium is maintained between the
stress driven di�usional creation and annihilation
of the free volume. However, due to the lack of
long range order in amorphous material, direct
experimental evidence, such as that provided by
electron microscopy, is hard to obtain for one or
the other model.
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2 Preparation and Characterization of the Material

2.1 Synthesis and thermolysis
The Si±B±C±N ceramics investigated were produced
by thermolysis of boron-modi®ed polysilylcarbodi-
imide. This precursor was synthesized by the reac-
tion of hydroborated vinylchlorosilane with an
excess of bis(trimethylsilyl)carbodi-imide (Bis):35

This reaction route which has been considered to
be the ®rst non-oxide sol±gel process for the synth-
esis of Si±B±C±N precursors results in an oxygen-
sensitive brittle resin-like product, which can be
ground into powder by attrition milling in an inert
atmosphere (N2). Such powder was densi®ed by
`plastic forming' in a graphite die36 by ®rst sub-
jecting it to a pressure of about 30 MPa and then
heating under pressure at 7.5 K minÿ1 up to tem-
peratures between 148 and 150�C. After 10 min the
green body was cooled by the same temperature
ramp and then unloaded. Subsequently, the
obtained green body was converted into ceramic
monoliths by heating at 1 K minÿ1 up to 1400�C in
argon atmosphere and thermolysing for 2 h. Ther-
mogravimetric analysis of the as-thermolysed pro-
duct in nitrogen atmosphere showed thermal
stability up to at least 1600�C and a mass loss of
about 30% starting at 1700�C.37

2.2 Composition, structure and phase equilibria
According to chemical analysis the amorphous as-
thermolysed ceramic has a composition of 31.3 wt%
Si, 4.7 wt%B, 34.6 wt%C, 27.0 wt%N and 3.5 wt%
O (M. Christ, pers. comm.) (the respective values in
at% are shown in Table 1). The concentration of Si
and B was determined by Fourier-transform infrared
spectrometry (Fluorine Volatilization-FTIRS) and
optical emission spectrometry with an inductively
coupled plasma (OES±JCP).38 The concentration
of N and O was determined by the carrier gas hot

extraction procedure in which N is extracted from
the sample at about 2500�C and transported by a
carrier gas (He) to the thermal conductivity detec-
tor (TCD). O reacts with C to CO which is oxi-
dized to CO2. This is detected in an infrared
absorption cell. For the determination of the C
concentration after combustion of the sample the
same procedure was applied.
The chemical composition was measured also by

electron energy loss spectrometry (EELS) with a
parallel EELS spectrometer and a dedicated scan-
ning transmission electron microscope (STEM)
from areas of 10�10 nm2 or 20�20 nm2. The
atomic ratio of any two elements was calculated
from the ratio of their edge intensities normalized
by corresponding cross-sections.39 The composi-
tion can be obtained after the ratios for all ele-
ments are achieved. A typical spectrum is shown in
Fig. 1; the background signal underneath the Si-L
edge has been subtracted. Although the Si±L2,3, Si±
L1, B±K, C±K and N-K edges are all clearly visible,
the O±K edge is much weaker due to both the
lower concentration and the lower inelastic cross-
section. The inset of Fig. 1 gives the derivative
spectral form for the O±K edge, together with that
for the N±K edge for comparison. The visibility of
the O±K edge has been increased in its derivative
form. No evidence for H was found. After aver-
aging over eight measurements from di�erent
regions, the composition of the as-thermolysed Si±
B±C±N material is determined to be SiB0�41�0�11
C3�39�0�44N2�42�0�31O0�22�0�14. The standard devia-
tions are also given in this formula. It is noteworthy,
that within the limit of error the results from the
chemical analysis and the EELS measurements
correspond (see Table 1).
Neglecting the O concentration and normalizing

the data of the chemical analysis to 100% gives a
composition of 17.6 at% Si, 6.3 at% B, 45.6 at% C
and 30.5 at% N (SiB0�36C2�59N1�73). According to
the Si±B±C±N phase diagram at temperatures up
to 1484�C this composition (indicated in Fig. 2 by
&) is very close to the three-phase equilibrium
graphite+BN+Si3N4 with a small amount of gas

Table 1. Compositions of Si±B±C±N materials measured by chemical analysis and by EELS

Sample No of measurements by EELS Si at% B at% C at% C at% (cat./an.)a N at% O at%

As-thermolysedb Ð 17.0 6.1 44.1 23.2/21.0 29.5 3.3
As-thermolysedc 8 13.4 5.6�1.5 45.6�5.9 26.9/18.7 32.5�4.2 3.0�1.8
1500�Cc 4 15.1 6.5�2.6 47.5�13.6 25.1/22.4 28.7�1.9 2.2�1.0
(1500�C)c,d 3 16.2 7.3�3.2 43.7�1.7 22.9/20.8 29.9�1.2 2.8�0.6
1600�Cc 7 12.9 5.6�2.8 49.7�22.7 27.9/21.8 29.2�7.5 2.5�0.9
(1600�C)c,d 5 15.8 5.0�1.0 45.2�6.1 25.2/20.0 31.4�5.8 2.6�0.9

aPercentage of C in cation or anion states estimated from the overall stoichiometry. See more details in the text.
bData obtained from chemical analysis.
cData obtained by EELS.
dData chosen to exclude large scatters, especially the ones with high C content which may be caused by the emerging of the

graphite-based crystalline.
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phase. The relative amounts of the phases at this
composition can be seen from Fig. 3 (Refs 40, 41;
J. Peng and M. Seifert, pers. comm). Above
1484�C the Si3N4 reacts with C according to

Si3N4 � 3C ! 3SiC� 2N2 �2�

Therefore, at thermal equilibrium above 1484�C the
three-phase system SiC+BN+graphite is expected
(see Fig. 3). The relative phase-amount of graphite
is reduced and the system will release gas consisting
mostly of nitrogen. Interestingly, the BN phase does
not take part in the invariant phase reaction; thus
the absolute relative phase-amount of BN does not

change. It is important to note that these con-
siderations of the phase equilibria do not tell any-
thing about the time for reaching the equilibria.
The as-thermolysed material is amorphous

according to X-ray investigations. After deforma-
tion tests at 1500�C the material still is X-ray
amorphous. However, for samples deformed at
1600�C frequently weak broad X-ray di�raction
patterns can be detected, as shown in Fig. 4, indi-
cating the beginning of crystallization. It is believed
that these re¯ections are due to a small volume
fraction of nano-sized crystallites. Testing at 1700�C
or heat-treatment at 1800�C has resulted in distinct
X-ray di�raction patterns typical for crystalline SiC.

Fig. 1. EELS spectrum of as-thermolysed Si±B±C±N material showing the presence of all these elements. The inset shows the weak
presence of O revealed by the derivative spectral form in the di�erence spectrum.

Fig. 2. Isothermal section of the quaternary Si±B±C±N system with 6.3 at% B below and above 1484�C. The composition of the
ceramic according to chemical analysisÐnormalized excluding OÐis indicated by &.
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Re¯ections of other crystalline phases were not
found.

2.3 Microstructure and density
The microstructure of as-thermolysed material is
shown in Fig. 5. It exhibits substantial inhomo-
geneities. At low-magni®cation [Fig. 5(a)] dark,
large elliptical areas with dimensions in the order
of several hundred microns, bright areas of irre-
gular shape with dimensions in the order of a few
tens of microns and small uniformly distributed
dark spots can be di�erentiated. The bright areas
are dense material as evidenced by the detailed
view in Fig. 5(b). The dark contrast represents
pores. Therefore, the material consists of mainly
three di�erent areas distinguished by their poros-
ity, namely dense areas (bright structures with
irregular shape), very porous areas (elliptical dark

structures) and a matrix with medium porosity.
Digital analysis of the images of the polished surface
of as-thermolysed samples, such as in Fig. 6(a),
results in an average pore cross section of about 5
�m2 and a relative surface fraction of the pores of
about 22%.
The apparent density of the as-thermolysed

materialÐincluding open and closed poresÐis
about 1.64 g cmÿ3. Helium porosimetry on the
bulk material, which gives the density of the mate-
rial including the closed pores, resulted in 1.93 g
cmÿ3. Using the result of Helium porosimetry of
®ne ground powder the density of pore free mate-
rial was estimated to be equal to 2.1 g cmÿ3 (M.
Christ, pers. comm.). These results reveal an open
porosity of 15% and a closed porosity of 7%, i.e. a
total porosity of 22%. This result correlates with
the porosity value gained by image analysis (see
above). It is also in approximate agreement with
the densi®cation of the material by uniaxial com-
pression with whichÐas will be shown laterÐa
maximum density of 2.04 g cmÿ3 (at "true � 35%)
and a porosity decrease from 22% to 3% at
1600�C was observed.
The relative amount of the free volume in the

pore free material can be estimated by comparing
its density (2.1 g cmÿ3) with the density of a hypo-
thetical crystalline material having the same com-
position (SiB0�36C2�59N1�73) and consisting of the
crystalline phases Si3N4, BN and graphite (2.68 g
cmÿ3). This gives 22% relative amount of free
volume.
The intrinsic structure was studied with STEM/

EELS. The contrast in STEM bright ®eld (BF)

Fig. 3. Phase fraction diagram of the Si±B±C±N system with
17.6 at% Si, 6.3 at% B, 45.6 at% C and 30.5 at% N at 1 bar

according to J. Peng and H. Seifert (pers. comm.).

Fig. 4. X-ray spectrum of a sample deformed at 1600�C for "true � 18% with 4�10ÿ5 1/s. The arrows indicate the position of the
major X-ray re¯ections of �-SiC.
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images is equivalent to phase contrast in the images
of the conventional TEM through the so-called
`reciprocal theorem'.42 The phase contrast is sensi-
tive to the structure of the analyzed areas as well as
to the defocus value of the objective lens;43 thus the
structure of the amorphous materials can be
directly seen. On the other hand, the contrast in
high-angle annular dark-®eld (HADF) images is
more sensitive to the atomic number of the scattering
elements since scattering to high angle is essentially
of the individual nature and the correlation
between scattering atoms in the solid is largely
reduced. It is often referred to as `Z-contrast' due
to its direct relation with the atomic number Z.44

STEM specimens were prepared by crushing the
bulk samples in acetone with pestle and mortar.
The resulted small pieces were caught on using
TEM grids covered with holey carbon ®lms. In this
way the irradiation damage from the ion milling is
avoided.
The structure of the amorphous precursor-

derived Si±B±C±N materials is homogeneous at the
atomic scale, as shown in a phase-contrast STEM
BF image [Fig. 7(a)]. However, a `Z-contrast'
image of the identical area [STEM HADF image in
Fig. 5(b)] is in strong contrast with the BF image:
high inhomogeneity with white features of 1 to 5 nm
are visible. Because of the absence of any distinctively

Fig. 5. Optical micrographs of the polished surface of as-thermolysed precursor-derived Si±B±C±N ceramics at di�erent scales,
viewed perpendicular to the plastic forming direction.

Fig. 6. Optical micrographs of the polished surface of (a) an as-thermolysed precursor-derived Si±B±C±N ceramic and (b) of
material deformed at 1500�C for 7% with 1�10ÿ5 1/s (l � indicates compression direction).
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heavy element in the amorphous material, such
contrasts must come mainly from density varia-
tions. Brighter contrast corresponds to dense areas,
i.e. the clustered areas. The dark contrasts arise
from less dense areas. This structure might be related
to phase separated regions similar to those found in
precursor-derived ternary Si±C±Nmaterial45±47 or to
the free volume between clusters. Subsequent chan-
ges of the focus give strong evidence for the latter
case. Such density variation is also re¯ected in the
BF-image of Fig. 7(a): although the phase-contrast
dominates, the dense areas appear slightly darker
due to the stronger absorption of the electrons. The
two dark regions in the squares in Fig. 7Ðwhich
mark the same area in both imagesÐcorrespond to
two large clusters.

2.4 Mechanical testing
The mechanical properties of the material were
investigated by compression tests of rectangular
specimens of 2�2�3 mm3. The compression direc-
tion was parallel to the plastic forming direction
(see Section 2.1). The samples were cut by a tung-
sten wire saw using SiC powder, ground with a
diamond wheel and polished with diamond abra-
sive of 3 �m grain size on polishing cloth. Oil was
always used as lubricant in order to avoid oxygen
contamination from water. After polishing, the
specimens were heat-treated for one hour at
1000�C in nitrogen atmosphere in order to remove
the oil from the porous material. The samples were
deformed in compression at constant strain rate at
temperatures in the range of 1500 to 1700�C in
nitrogen atmosphere using a hydraulic Shimazu
Servopulser testing machine. The heating was
performed via induction heating using a tungsten

susceptor. A heating rate of 50 K minÿ1 was used
except for the last 100 K where the samples were
heated at 20 K minÿ1. At the ®nal temperature the
samples were held for about 30 min to reach ther-
mal equilibrium.
The compression stress � was calculated as the

ratio of actual load and original cross section A0.
The engineering strain and the true strain "true were
calculated as

" � 1ÿ l=l0 �3a�

"true � jln�l=l0�j �3b�

with the original sample length l0 and the actual
length l.
Frequently, the correlation between plastic strain

rate _"plast and ¯ow stress � is described phenomen-
ologically by a power law

_"plast � A�n exp�ÿQ=kT�; �4�

where A is a constant, n the stress exponent, Q the
apparent experimental activation energy, k the
Boltzmann factor and T the absolute temperature.
Another description for the relation between strain
rate and stress is given by the Arrhenius-type rela-
tionship48

_"plast � _"0 exp�ÿ�G���=kT�: �5�

The pre-exponential factor _"0 is usually considered
to be constant and �G��� is the activation Gibbs
free energy, which in general is stress dependent.
Based on eqns (3) and (4) the stress exponent n, the
strain rate sensitivity of the ¯ow stress I and the

Fig. 7. STEM BF (a) and HADF (b) images of precursor-derived Si±B±C±N material deformed at 1500 C for 3 h in N atmosphere.
Squares mark two clusters which show di�erent contrast in the two images.
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activation enthalpy �H were determined according
to the following formulas:48

n � @ ln _"plast

ÿ �
@ ln�� � jT; �6�

I � @�

@ ln _"plast

ÿ � jT �7�

and

�H � Q � ÿ kT2

I

@�

@T

� �
j _" �8�

The strain rate sensitivity I is related to the acti-
vation volume of a thermally activated process V
by:48

V � kT

mSFI
: �9�

The Schmid factor mSF is a geometric factor which
is 0.5 for the isotropic case. The stress exponent n
and the strain rate sensitivity I are determined with
stress relaxation tests. In such tests, at a constant
strain rate the strain is suddenly held constant and
the decrease of stress is measured.
Due to Hook's law the total strain rate _"total can

be expressed by

_"total � _"plast � _"elast � _"plast � _�=E; �10�

where E is the elastic modulus of specimen and
testing machine. In stress relaxation experiments,
i.e. at _"total � 0, the plastic strain rate _"plast is pro-
portional to the negative stress rate ÿ _�, which can
be easily determined. The plotting of data from a
stress relaxation test in the form of ln(ÿ _�) versus
� in the following will be called relaxation curves.
The inverse slope of such relaxation curves is equal
to I. The slope of a plot of ln(ÿ _�� versus ln(�)
gives n. Quite often such plots do not result in a
linear dependence of the stress rate on stress indi-
cating that eqn (4) is too simple. With these para-
meters and with the change in ¯ow stress with
temperature change, the apparent activation
energy �H can be determined according to eqn (8).

3 Results and Interpretation

3.1 High-temperature stress±strain behavior
The amorphous precursor-derived Si±B±C±N
ceramics can be deformed in compression by a
large amount at high temperatures without per-
ceptible sample damage. For example, the speci-
men shown in the optical micrograph in Fig. 8 was

deformed at 1600�C for "true � 41%. For compar-
ison the original size of the sample is drawn sche-
matically.
Typical stress±strain curves derived at 1500, 1600

and 1700�C are shown in Fig. 9. They show a sig-
moidal shape with di�erent deformation regimes: a
regime at small strain with a strong almost linear
increase of ¯ow stress, followed by a regime with a
decreasing slope, and at large strain a third regime
in which the slope increases again. At 1700�C a
mass loss of 23% occurred compared to the 6%
usually observed in compression tests at 1600�C.
Therefore, mechanical tests at 1700�C were not
considered in detail.
In Fig. 10 the deformation behavior at 1500 and

1600�C is shown at di�erent strain rates. At small
strains the ¯ow stress is almost linear with strain
and independent of temperature and strain rate. In
contrast, at higher strains the ¯ow stress decreases
with temperature (as in Fig. 9) and increases with
strain rate.
A linear regime independent of temperature or

strain rate is usually attributed to elastic deforma-
tion. However, as can be seen in Fig. 10, at fast
unloading (+) the slope is much steeper than that
at the ®rst loading indicating elastic and plastic
deformation taking place concurrently. As will be
discussed in Section 3.3 by deformation the poros-
ity of the samples is reduced. A decrease of poros-
ity leads to an increase of the elastic moduli49,50

which is the reason why at large strains the

Fig. 8. Optical micrograph (assembled from two images) of a
sample deformed at 1600�C with _" � 4� 10ÿ5 1/s for
"true � 41%. The original sample size is drawn schematically.
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unloading curves are much steeper than the slopes
at the ®rst loading.
The strain rate sensitivity of the ¯ow stress I and

the stress exponent n were determined from stress
relaxation experiments using eqns (6) and (7). In
Figs 9 and 11 such stress relaxation experiments
are designated with R. A typical example for a
relaxation curve is given in Fig. 12. Stress relaxa-
tion curves usually are slightly concave at small
strains and straight or slightly convex at higher
strains. Data for I are shown in Fig. 13, which were
calculated by determining the slope at values of

high stress at the beginning of the stress relaxation
test. It is evident that I increases with strain. At
small strains I is independent of temperature. At
higher strains it decreases with temperature.
The mean slopes of the relaxation curves were

used to calculate the stress exponent n. The depen-
dence of n on temperature or strain is similar to
that of I: at small strain n has a value of about 2
and increases with strain to 4.7 at 1500�C and 4.2
at 1600�C at "total�34%. These values indicate
non-Newtonian ¯ow which is in opposition to Ref.
27. It is worthwhile to note that the plot ln(ÿ _�)

Fig. 9. Stress±strain curves of precursor-derived Si±B±C±N ceramics at a constant strain rate of _" � 4� 10ÿ5 1/s at 1500, 1600 and
1700�C, respectively. R identi®es a stress relaxation experiment.

Fig. 10. Comparison of the stress-strain curves of precursor-derived Si±B±C±N ceramics deformed at various constant strain rates
and temperatures including one fast unloading (+).
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versus ln(�) is not linear in most cases. Therefore,
it remains questionable whether eqn (4) can be
applied and whether n is a useful parameter.
The apparent activation energy �H has been

determined for two di�erent samples with the fol-
lowing temperature sequences: 1600±1500±1600�C
(Fig. 11) and 1500±1600±1500�C. Using a mean

value of �I from stress relaxation experiments before
and after the temperature change and the resulting
��, �H was determined with eqn (8). Both mea-
surements resulted in �H=0.8 MJ molÿ1. This
value is rather large and was determined at large
strains. As already discussed at small strains the
¯ow stress does not depend on temperature, hence

Fig. 11. Stress±strain curve of a specimen deformed at a constant strain rate of 4�10ÿ5 1/s including stress relaxation experiments
(R) and temperature changes from 1600 to 1500�C and back to 1600�C.

Fig. 12. Relaxation curve of a stress relaxation experiment at 1600�C at "=9%.
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�H � 0; in other words, the deformation in this
regime is not a thermally activated process.
In order to compare the deformation behavior of

pre-deformed with as-thermolysed material two
pre-deformed compression samples were prepared.
As shown in Fig. 14, pre-deforming increases the
resistance to plastic deformation. Plastic deforma-
tion of the second run starts only at about the
maximum stress of the ®rst run; thus up to some 1
GPa the pre-deformed specimen exhibits only elastic
deformation. After additional plastic deformation of
about 5% failure took place for both pre-deformed
samples at a stress as high as 1560 MPa, probably
due to the high elastic energy stored in the sample.

3.2 Development of the microstructure
According to EELS measurements the composition
of the amorphous phase does not change sig-
ni®cantly during compression tests at 1500 or
1600�C; the mean compositions for both samples
tested are listed in Table 1.
A further look at the data in Table 1 reveals an

increase in the deviation of C content with the
deformation temperature. This is concurrent with the
detection of small amounts of graphite phase at high
temperature. The large deviation mainly resulted
from a few measurements which gave excessively
high carbon contents. It is highly possible that these
measurements includes both the main amorphous
Si±B±C±N phase and the secondary graphite-like
phase. Indeed these carbon K-edge shapes are the
linear combinations of the C±K edges from the
main and the graphite phases. Excluding these data
points, there is much less deviation in carbon con-
tent in the amorphous phase in both 1500 and
1600�C tested samples as well as slightly smaller C
contents. These data from the selected measure-
ments (excluding the high carbon content) are also
listed in Table 1 (rows marked with superscript d).
As shown in Table 1 the Si content is relatively

small compared to either C or N. Although the
material is covalent in the general sense, the di�er-
ences in electronegativity of these elements allows
Si and B to be regarded as cations and N and O as
anions. To maintain the nominal charge stoichio-
metry with the measured composition, carbon
must then be divided into cations and anions

Fig. 13. Correlation between strain rate sensitivity I and strain
" at 1500�C (&), 1600�C (X) and 1650�C (+).

Fig. 14. Stress±strain curve of an as-thermolysed sample (®rst run) and of the second run after this experiment and after the re-
preparation of a rectangular sample.
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despite the fact that many form completely cova-
lent C±C bonds. The contents of the cation-desig-
nated and the anion-designated carbon are also
listed in Table 1 for each sample. It is surprising
that carbon `cations' always outnumber the carbon
`anions' The compression tests have a minor e�ect
to reduce this gap. This large population of carbon
`cations' in the Si±B±C±N material opens the door
to form the graphite phase at high temperatures
where the mobility of atoms has been signi®cantly
enhanced. Even at the lower temperatures, C±C
bonds are likely to be formed locally. This is the
subject for future works. However, after all the
carbon `anions' have formed C±C bonds, there are
still some carbon `cations' remaining to form
plausibly C±N bonds. Further evidence is neces-
sary to verify the existence of such bonds. This can
shed light into the structure and the stability of the
amorphous Si±B±C±N.
It is known that heat treatment of amorphous

precursor-derived Si±C±N ceramics lead to a phase
separation with amorphous C and silicon nitride
segregates.45±47 A similar decomposition of the
amorphous state of Si±B±C±N ceramics is very
likely but has not been investigated yet.
The atomic structure of the Si±B±C±N material

remains unchanged after deformation at tempera-
ture as high as 1500�C, which is consistent with X-
ray di�raction. Crystallization starts at about
1600�C according to X-ray analysis which indicates
the presence of a small amount of SiC (cf. Fig. 4).
TEM investigations suggest that even after several
hours at 1600�C the sample remains mostly amor-
phous and the volume fraction of crystal phase is
less than 10% (H. Gu and B. Baufeld, unpublished
results). By TEM observation and analysis besides
the SiC crystallites, graphite regions and crystalline
Si3N4 particles embedded in a mainly amorphous
matrix were con®rmed (H. Gu and B. Baufeld,
unpublished results).

3.3 Densi®cation
The porosity of the ceramic was decreased sig-
ni®cantly by deformation as is evident when com-
paring the surfaces of the as-thermolysed sample
[Fig. 6(a)] with that of a sample deformed for 7%
[Fig. 6(b)]. In the latter case the pores contribute
only 11% of the area. The deformation can be
observed directly in Fig. 15, where the same sample
area is shown before [Fig. 15(a)] and after com-
pression [Fig. 15(b)]. The large dense areas con-
veniently act as markers. Despite the large
deformation in the (vertical) compression direc-
tion, hardly any strain in the horizontal direction
occurs. Close inspection of Fig. 15 reveals some
¯attening of pores perpendicular to the vertical
compression direction. The increased surface

roughness, seen in Fig. 15(b), most probably is
related to the deleterious e�ect of the high testing
temperature of 1600�C.
The dimensions of the samples were measured

before and after the deformation experiments. In
Fig. 16(a) the correlation between the relative
change in sample width �w=w0 and "true is plotted
for the experiments at 1500 (&) and 1600�C (*).
At constant sample volume the relation �w=w0

versus "true should follow the solid line in this plot.
However, the data show a much weaker depen-
dence indicating a decrease in sample volume dur-
ing deformation. Since at these temperatures the
mass loss is 6% or less this decrease in sample
volume must be attributed to densi®cation. In Fig.
16(b) this increase in density with strain is shown.
Apparently, the density increases almost linearly
with "true. At "true=35% the density is increased by
26%. The maximum density obtained by compres-
sion tests is 2.04 g cmÿ3. In the temperature range
investigated the densi®cation seems not to depend
on temperature.
At small strains �w=w0 is negative [Fig. 16(a)]

indicating some shrinkage by sintering counteracting
to some extend the increase in sample width during
loading. At zero loading a heat treatment at 1600�C
for 5 h in nitrogen atmosphere has led to a shrinkage
of 3%. In the same way shrinkage was observed for
as-thermolysed Si±C±N ceramics, derived from com-
mercially available polyvinylsilazane when heated
above the thermolysis temperature.25,51

Typical for compression loading is the con-
current occurrence of densi®cation and plastic
deformation. The separation of two di�erent
deformation mechanisms with one leading to a
change in density has been suggested by Raj for
tensile deformation52 and later extended to the
densi®cation of powder compacts in compres-
sion.53 At large strains it was suggested to use the
concept of true strain, which at uniaxial deforma-
tion leads to the following equations:

j"dilj � j"true � 2"tj �11�

"dev � 2

3
j"true ÿ "tj �12�

with the axial component "true and the transverse
component "t where "dil is the dilatational strain
and "dev the deviatoric strain. Following this
separation the ®nal dimensions of the deformed
samples were used to determine the "dev and "dil.
The result is plotted in Fig. 17. At constant density
the data of "dev, and at pure densi®cation the data
of "dil should lie on the diagonal line and the other
parameter should be zero. According to Fig. 17
both "dev and "dil are important in the regime
investigated here. Up to "true � 30% the densi®cation
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by compression has a larger contribution than the
plastic deformation. At higher strains j"dilj is more
or less constant with a value of about 25%, while
"dev increases linearly with "true. Reaching a con-
stant value of "dil and a linear increase of "dev

implies that a maximum density is achieved at
"true � 30%. At strains higher than 30% the mate-
rial deforms mainly plastically.

3.4 Flow stress
In summary precursor-derived Si±B±C±N ceramics
exhibit a pronounced increase of the apparent ¯ow
stress with deformation analogous to the decreas-
ing strain rates in creep experiments with pre-
cursor-derived Si±C±N24±27 and Si±B±C±N

ceramics.24,25 This change in the deformation
behavior can be due to geometrical reasons like
changes of sample size, and porosity and/or due to
structural changes such as changes in the amor-
phous structure, phase separation and/or crystal-
lization.
One geometrical reason for an increased appar-

ent ¯ow stress isÐat constant strain rateÐthe
increased e�ective strain rate at high strains. The
decrease in porosity increases the apparent ¯ow
stress as well. The dependence of the ¯ow stress on
porosity54,55 may be approximated by (1ÿP)2
where P is the volume fraction of porosity. Com-
bining the e�ects of porosity and change in sample
size, using eqn (4) and assuming an otherwise

Fig. 15. Optical micrograph of the surface of the same specimen area (a) before and (b) after deformation at 1600�C for about 17%
at 2�10ÿ5 1/s. The compression (and plastic forming) was applied in the vertical direction.
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constant intrinsic structure the apparent ¯ow stress
�app can be formulated as

�app � �0 1ÿ P

1ÿ P0

� �2
l

l0

� �1=n
w

w0

� �2
�13�

with the original ¯ow stress �0 and the sample
length l and width w (the index zero in this formula

marks the value before the test). Using the results
shown in Fig. 16(a) and (b) and assuming 450 MPa
for �0 the apparent ¯ow stress as a function of
deformation was computed for di�erent values of n
(Fig. 18). In comparison with a typical stress-strain
curve a very good agreement is found for n=0.5
(. . .) which, however, is physically not reasonable.
Plots with reasonable stress exponents like n=1
(~) or 2 (&) demonstrate that changes of the

Fig. 16. Dependence of the relative change of (a) sample width �w=w0 and (b) density ��=�0 on true strain "true at 1500 (&) and
1600�C (*). The line in (a) is the dependence assuming a constant sample volume.
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sample size and porosity are not responsible alone
for the increase of the apparent ¯ow stress but
structural reasons must be taken into account as well.
Devitri®cation could be one reason. However, as

discussed in Section 3.2, at 1500�C there was no
crystallization observed and at 1600�C the relative
volume amount of crystallites is too small for direct
interaction between crystallites and therefore such

interaction can be excluded as an explanation for
the increase of ¯ow stress. However, devitri®cation
may in¯uence the deformation by an other
mechanism even if the relative volume fraction of
crystallites is small. One possibility is the reduction
of the e�ective volume of the ¯owing amorphous
matrix. For amorphous alloys with small crystals
this is well known.56,57 In order to consider this

Fig. 18. Apparent increase in ¯ow stress due to the change of sample size and porosity assuming constant ¯ow stress (s0=450
MPa) calculated with eqn (13) in comparison with an experimental curve at 1600�C ( _" � 4� 10ÿ51/s). The stress exponents used for

calculation are n � 0�5 (. . .), 1(~) and 2(&). The ®lled symbols include the e�ect of crystal growth according to Ref. 58.

Fig. 17. Separation of the deviatoric strain "dev (+), which corresponds to plastic deformation and of the dilatational strain "dil (X),
which relates to the volume change according to Refs 52 and 53.
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e�ect a correction of eqn (4) by the factor �1ÿ
Vi�2�n=2 with the volume fraction of inclusion Vi

was suggested by Ref. 58. Assuming Vi � 10% at
" � 40% this correction results in just a minor
increase in ¯ow stress as evidenced by the ®lled
symbols in Fig. 18, not su�ciently high to explain
the di�erence to the experimental data.
A second type of structural change could be

changes in the amorphous structure itself. As
argued in Refs 45±47, the structure of vitreous Si±
C±N is very similar to those of the crystalline phases
of the constituent elements. It consists of SiX4 tetra-
hedra (X=C and/or N) forming three-dimensional
networks in which each tetrahedron is attached to
four neighboring tetrahedra. However, where in the
crystalline state the network of the tetrahedra is per-
iodic, the vitreous state lacks long-range periodicity
and contains some free volume to accommodate
the structural imperfections. The vitreous state
thus corresponds to the so-called random network
models, ®rst proposed by Zachariasen59 and
accepted as the best description of the structure of
vitreous or fused silica. It can be expected that in a
similar way the B-containing vitreous quaternary
ceramics consist of networks of short-range
ordered polyhedra as well. Due to such structural
similarities the amorphous materials under investi-
gation can be considered as glass-type materials
and their plastic ¯ow as viscous ¯ow.
Viscous ¯ow is de®ned by

_" � �
�

�14�

with the viscosity �. According to simple rate the-
ory,60 a stress dependence of � can be formulated
as

1

�
/ 1

�
sinh

V0�
2kT

� �
�15�

with the activation volume V0. At small stresses the
hyperbolic sine can be approximated with its argu-
ment resulting in the well known Newtonian case
[with n � 1 in eqn (4)] with a viscosity independent
of stress. At large stresses eqn (15) can be approxi-
mated by

_" � _"0 exp
V0�
2kT

� �
�16�

where V0 is equal to four times the apparent acti-
vation volume V of eqn (9).
For technical glasses Newtonian behavior

usually is observed.61 Exceptions are known for
alkali borate glasses with the start of ¯ow after a
certain ¯ow stress. Furthermore, non-Newtonian

¯ow was observed for soda lime glasses under high
stress which was attributed to structural rearran-
gements.62 In the case of well-stabilized Pd82Si18
samples the non-Newtonian behavior was
explained with the high stress case, i.e. eqn (16).63

The hyperbolic sine dependence of eqn (15) most
probably is the reason for the con¯icting results of
values for the stress exponent in the literature and
in the present work. In the literature, Newtonian
behavior with n � 127 or n � 0�724 is reported for
Si±C±N ceramics. As discussed above, the present
investigation suggest non-Newtonian behavior
with values of n bigger than 2. The experiments in
Refs 24 and 27 were performed at stresses below
100 MPa and probably can be considered to obey
the small stress approximation whereas the present
results were determined at much higher stresses in
the range of 250 to 2000 MPa.
As outlined above the relative amount of free

volume of pore free amorphous material is esti-
mated to be 22%. The authors suggest a model
where the individual free volume sites are the rate-
controlling ¯ow defects which usually are assumed
to be responsible for the viscous ¯ow in amorphous
material.34,60 In this model individual tetrahedra or
clusters of tetrahedra jump into neighboring free
volume sites. Assuming such thermally activated
jumps the apparent activation volume is a product
of the cross section of the cluster (� cross section of
the free volume site) and the jump distance. Since
the jump distance is approximately equal to the
diameter of the cluster the activation volume
should be in the order of the jumping cluster. Fig.
19 shows the values of the apparent activation
volume of Si±B±C±N amorphous materials in
dependence on strain, calculated following eqn (9).
It is clear that the apparent activation volume V
decreases strongly with deformation from 2.5 to
about 0.2 nm3, but is not very sensitive to tem-
perature. Values of apparent activation volume in
the same order were found in metallic glasses64,65

and glassy amorphous polymers.66,67 Preliminary
results from positron annihilation experiments on
amorphous Si±B±C±N indicate also free volume
sites in that size range (H. Schaefer, pers. comm.).
Structures in the order of 1 to 5 nm were found by
HADF imaging (see Fig. 7) and could also be
interpreted as free volume sites in that order of
size. Therefore, it is suggested that free volume
sites are the basic unit in the thermal activation
process and act as ¯ow-defects. Then, the reduc-
tion of the apparent activation volume is due to
the decrease of the size of free volume sites and
thus of the shear distance. Most probably, this
size decrease of the free volume sites is not directly
related to deformation but due to sintering during
testing at high temperatures.
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The apparent activation energy is 0.8 MJ molÿ1

as shown earlier in Section 3.1 which is comparable
to the self-di�usion energy of Si and C in SiC.68

This value is large compared to the results of creep
experiments on precursor-derived Si±C±N cera-
mics.24±26 In these creep experiments the tempera-
ture dependence of creep rates suggests a much
smaller activation energy (250 kJ molÿ1).24±26 It is
worthwhile to note that these experiments were
performed at small strains (<3%). At such small
strains the present results exhibit almost no depen-
dence of the stress on temperature and on strain
rate, suggesting also a very small apparent activa-
tion energy. It is likely that in this regime the
deformation is dominated by densi®cation. There-
fore, the di�erent results of activation energy are
due to di�erent deformation regimes. In the regime
of densi®cation the deformation must be explained
with an athermal process; at larger strains, i.e. lar-
ger stresses due to higher density, the material
deforms predominantly via the free volume
mechanism with an apparent activation energy of
0.8 MJ molÿ1.
A further reason for the increase in ¯ow stress

during deformation could be compositional chan-
ges in the metastable amorphous state during heat
treatment as was found with ternary Si±C±N.45±47

There, a phase separation into amorphous C and
amorphous Si3N4 has been found which should
result in a change of the viscosity of the decomposed
material. Thus further investigations are necessary
in order to determine whether similar phase trans-
formations occur in quaternary material as well
and could account for a change of the ¯ow stress of
the amorphous state.

4 Conclusions

High temperature compression tests on precursor-
derived Si±B±C±N ceramics have demonstrated
an impressive deformability of the glassy-type as-
thermolysed material. Despite the high testing
temperature only minor evidence was found for
changes in composition and microstructure imply-
ing a remarkable stability of the amorphous state
of the material investigated. A major part of the
deformation is related to the densi®cation (at least
26%) of the porous material. At true strains larger
than about 30% no more densi®cation was
achieved and further deformation should be
attributed to viscous ¯ow only.
The stress necessary for densi®cation at small

strains is rather low. However, due to densi®cation
and structural changes in the amorphous state
the apparent ¯ow stress increases to the order of
2 GPa. In other words, after densi®cation pre-
cursor-derived Si±B±C±N ceramics are rather creep
resistant even at 1600�C.
The increase in apparent ¯ow stress could not

unambiguously be explained. Substantial changes
are clearly due to the change in sample size and
porosity. However, not all of the increase in ¯ow
stress can be attributed to these mechanisms; thus
structural changes, like the decrease of the size of
free volume, should be considered also. The value
of the apparent activation volume and its decrease
from 2.5 to 0.2 nm3 suggest that free volume of
that size range is responsible for the plastic defor-
mation. Crystallization plays only a minor role in
the deformation behavior, since only a small
volume fraction crystallizes.

Fig. 19. Apparent activation volume derived from stress relaxation experiments according to eqns (7) and (9) depending on strain
and temperature (&: 1500�C, ~: 1600�C and !: 1650�C).
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The good deformability is promising for the
production of structural parts from precursor-
derived ceramics, which are stable at very high
temperatures. The high creep resistance at high
temperatures of densi®ed and heat-treated material
further emphasises the prospect for future applica-
tions.
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